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Abstract

A combination of dynamic shear rheology, thermomechanical analysis (TMA), scanning electron microscopy (SEM), Near-Edge X-ray
Absorption Fine Structure (NEXAFS), and fracture toughness testing was utilized to characterize the thermal, mechanical, chemical, and
fracture properties of alumina (a-Al,O3)-filled epoxy resins as a function of average filler size, size distribution, particle shape, loading, and
epoxy crosslink density. In general the cured properties of the filled composites were robust. Small changes in particle size, shape, and size
distribution had little impact on the final properties. Resin crosslink density and filler loading were the most critical variables, causing changes
in all properties. However, most applications could likely tolerate small changes in these variables also. SEM and NEXAFS characterization of
the fracture surfaces revealed that the fracture occurs at the filler interface and the interfacial epoxy composition is similar to the bulk resin,
indicating a weak epoxy—alumina interaction. These results are critical for implementation of particulate-filled polymer composites in practical
applications because relaxed material specifications and handling procedures can be incorporated in production environments to improve

efficiency.
© 2007 Elsevier Ltd. All rights reserved.
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1. Introduction

Since its first commercial production in 1947, epoxide-
based (“‘epoxy”’) materials have been used in a wide variety
of products, such as adhesives, casting compounds, body sol-
ders, and encapsulates [1]. Good chemical resistance, excel-
lent mechanical properties, and modification versatility make
epoxy attractive, while its inherent low viscosity and volatility
as well as moderate cure temperatures allow for production
ease. The properties of epoxy can be tailored through a variety
of monomer choices including aromatic, which provide stiff,
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high glass transition structural materials, and aliphatic, which
can form elastomers. The molecular weight and molecular
weight distribution as well as the chemical functionality of
the monomers can be varied to provide further control over
the properties. This chemical and processing flexibilities
make epoxies useful in an array of applications including pro-
tective coatings, paints, adhesives, electronics, tooling, and
composites.

Epoxies are commonly modified by the inclusion of inor-
ganic-particulate fillers, such as silica [2,3], alumina [4—7],
mica [8], or talc [9]. Fillers are added to epoxy resins to
improve fracture toughness [10,11] and electrical or heat
transfer properties [12,13], to increase resin stiffness [14],
flame retardance [15], and wear resistance [4], and to reduce
the coefficient of thermal expansion (CTE) [16]. The resulting
composite specimens have applications as automobile parts
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[17], dental restoratives [18,19] and electronic packaging/
underfill for circuit cards [20—22]. Many variables (e.g. resin
crosslink density, particle type, size, size distribution, and filler
loading) can affect the composite’s thermal, -electrical,
mechanical and fracture properties. Rubber fillers increase
fracture toughness with cracks propagating via cavitation
and shear yielding phenomena, but decrease the flexural and
Young’s moduli [23,24], as well as increasing the CTE. Con-
versely, inorganic fillers typically provide an increase in mod-
ulus and a decrease in CTE, but do not provide as large of an
increase in toughness compared to their organic counterparts
[23].

While rigid inorganic particles are widely incorporated in
epoxy or other polymer matrices, the micro-level fracture
toughening mechanisms have not been firmly established
[11]. In addition, the interactions between the inorganic parti-
cles and the matrix are poorly defined, as well as the impact of
filler size, size distribution, and surface chemistry on failure
mechanisms. From an application prospective, there is
a need to understand the crucial variables and how these vari-
ables impact the composite properties, in order to establish
material specifications as well as the sensitivity of the final
device performance to these variables.

Alumina filled epoxy was chosen as the model system be-
cause of its prevalent use in electronic packaging [20—22] and
dental restoratives [18,19]. The impact of the epoxy crosslink
density, alumina loading, particle size, size distribution, and
shape on the composite properties was explored. In particular,
the composite fracture toughness, glassy and rubbery shear
storage moduli, glass transition temperature, and glassy and
rubbery CTE were investigated. Epoxies with two different
crosslink densities (T, =40 and 82 °C) were employed. The
basic chemistry of the two resins was kept constant, while
the crosslink density was varied, by changing the molecular
weight of the diamine hardener. The results in general show
that the cured properties of the resin are insensitive to changes
in the alumina characteristics, which is attributed in part to
a weak alumina—epoxy interface.

2. Experimental [25]
2.1. Materials

2,2-Bis[4-(glycidyloxy)phenyl]propane (DGEBA, 348 g/
mol, 97%) and polypropyleneoxide diamines (Jeffamine,
M, =230 and 400, i.e. D230 and D400) were used as-received
(Fig. 1) from Aldrich Chemical Company. a-Alumina corun-
dum (AA2, AAS5, AA10, AA18 from Sumitomo Chemical
Co. Japan and T60 from Alcoa Co.) were dried in an oven
at 110 °C under vacuum for at least 12 h prior to use. A Beck-
man Coulter Light Scattering particle size analyzer was used
to determine the Al,O; particle size and size distribution
(Table 1). The chemically synthesized AA system, from Sumi-
tomo Chemical Co., was chosen because of its narrow particle
size distribution and nominal spherical geometry, whereas the
milled T60 has a broader size distribution and a wide variety
of jagged shapes (Fig. 2).

A

DGEBA

)\/FO
H,N “NH,

Jeffamine(D230 or D400)

Fig. 1. Structure of epoxy monomers 2,2-bis[4-(glycidyloxy)phenyl]propane
(DGEBA) and polypropyleneoxide diamines (Jeffamine D230 or D400).

2.2. Composite preparation

Both the epoxide and the diamine were preheated to 50 °C.
Al,O; was weighed to the appropriate vol.% (0—50) and
placed in an oven at 75 °C. DGEBA and the respective di-
amine were mixed in a stoichiometric formulation, assuming
that each amine hydrogen reacts with a single epoxy. The ep-
oxide—amine mixture was placed in an oven at 75 °C for 15—
45 min and was periodically stirred. After an initial viscosity
increase that prevents the settling of powders, Al,O; was
added and mixed vigorously by hand to ensure proper particle
wetting and homogeneity. The composite mixture was subse-
quently degassed at 55 °C. The viscous mixture was poured
into preheated, release agent coated, aluminum molds. The
resin in the molds was degassed and cured as follows:
25°C, 2.5h; 25-93°C over 8h; 93°C, 3h; 93—120°C
over 2 h; 120 °C, 2 h, and 120—25 °C over 2 h.

2.3. Characterization

Dynamic torsional shear experiments were conducted on
a Rheometric Scientific ARES rheometer at a frequency of
1 Hz from 150 to —100 °C, at 2 °C/min in the respective linear
strain regime of the sample. The CTE data were determined by
thermomechanical analysis (TMA), (TA systems Q400), in ac-
cordance with ASTM E831. The sample was cycled four times
from —60 to 150 °C at 2 °C/min and was held isothermal at
each temperature limit for 10 min.

Fracture toughness single-edge notch (SEN) samples were
prepared by cutting the composite into 63.5 mm long,
12.7 mm wide, and 6.35 mm thick sections. A razor blade
was tapped into the center of the sample and a crack was prop-
agated to a crack length equal to 20—80% of sample width, W.

Table 1

Al,Oj3 particle size and size distribution

Particle size (um) AA2 AAS AAI10 AAI18 T60
Mean 3.683 5.064 8.083 16.700 18.81
Mode 3.359 5.064 8.536 18.000 26.14
Standard dev. 1.589 4.878 2.614 4.713 14.45




LM. McGrath et al. | Polymer 49 (2008) 999—1014 1001

Fig. 2. SEM micrographs of Al,O3: (a) Alcoa T60 and (b) Sumitomo AAS.

The crack length, a, should be longer than the razor blade in-
sertion, ideally twice as long. The ratio a/W should be between
0.45 < a/W < 0.55. For the fracture toughness measurements,
5—10 samples were prepared from 1 to 3 sample sets. The
SEN test was conducted in the three-point bend compression
geometry (ASTM D1621) in an Instron Model 5589. A
1 kPa load cell with a 50.8 mm span was used at a crosshead
speed of 6.35 mm/min. The samples were tested in the brittle
regime, 40 °C below their respective T, for each composite.
All samples measured in this study maintained plane-strain
conditions.

The fracture toughness test was used to calculate K., plane-
strain fracture toughness (Egs. (1) and (2)) where Y is the
shape factor, P is the load to failure, S is the span of the Instron
supports.

3PS\/a
K=Y
! 2BW?

where
Y =193 3.07(%)

a\? a\? a\*4
1 14.53 (W) 25.11(W) +25.80(W> 2)
Note that the K., three-point bend fracture test, measures the
state of stress around the crack tip and is used as a qualitative
measure of toughness. It does not allow crack propagation to
be studied. The sample must be thick enough so that the crack
propagates without the sole energy release of the crack accel-
erating to the end of the sample. A continuous load versus dis-
placement curve is observed in the load to failure curves
during the three-point bending compression test.

Environmental scanning electron microscopic (SEM) stud-
ies of the fracture surface at 10—12 mm working distance and
20.0 kV were conducted in a Philips ESEM 2020. If charging
occurred, the samples were coated with a 60:40 palladium/
gold coating.

NEXAFS measurements were conducted at the U7A beam-
line of the National Synchrotron Light Source at Brookhaven

National Laboratory. A monochromator, with 600 line/mm
grating, provided £0.15 eV resolution. The monochromator
energy scale was calibrated by the carbon K-edge T* transi-
tion of graphite at 285.35 eV. All the spectra were recorded
at room temperature in the NIST — Dow material characteriza-
tion chamber [26] at 10~° Pa. The spectra were normalized to
the incident beam intensity, Iy, by collecting the total electron
yield intensity from a gold coated 90% transmitting grid
placed in the incoming X-ray beam path. Surface sensitive
partial electron yield measurements were made (probe depth
of approximately 1—6 nm) by applying a negative bias on
the entrance grid of the channeltron electron detector. The
spectra were collected at the magic angle relative to the film
surface to avoid orientation effects. For the NEXAFS spectra
in this paper the experimental standard uncertainty in the
peak position is similar to the grating resolution of
+0.15 eV. The relative uncertainty in the NEXAFS intensity
is less than £2% and was determined by multiple scans on
a sample.

In NEXAFS, the sample is exposed to tunable, polarized,
monochromatic X-ray radiation from a synchrotron light
source. In these experiments, the incident radiation is scanned
over the carbon (Cls) or oxygen (Ols) K-edge region, an en-
ergy range from 280 to 320 eV or 520 to 570 eV, respectively.
X-Rays are preferentially absorbed by the sample when the in-
cident radiation is at the appropriate energy to allow the exci-
tation of a core—shell electron to an unoccupied molecular
orbital. During electronic relaxation, Auger electrons and
characteristic fluorescence photons are released. The electrons
can only escape from the top surface of the sample, approxi-
mately 1—6 nm for these studies. The fluorescence photons
were not collected in these experiments. NEXAFS has ele-
mental sensitivity because the characteristic binding energies
(carbon and oxygen core electrons) are well separated in
energy. In addition, due to the well-defined energy gap associ-
ated with a core—shell/unoccupied orbital transition, NEXAFS
is also sensitive to the bonding characteristics of the atom [27].
The NEXAFS spectra are pre-edge jump normalized (the
background intensity before the respective Cls or Ols transi-
tion is subtracted) and post-edge jump normalized (the spectra
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are normalized with the intensity in the post-edge region, leav-
ing the post-edge with a value of 1 and allowing for direct
comparisons of the chemical bonding).

3. Results and discussion
3.1. Rheology of filled and unfilled epoxy

3.1.1. Modulus versus temperature results

The shear storage modulus—temperature profiles are shown
in Fig. 3a and b for the DGEBA/D230 and DGEBA/D400
composites, respectively, as a function of the vol.% loading
of AA18 alumina. The storage modulus, in both the glassy
and the rubbery regions, increases with increased filler load-
ing. The characteristic drop of two to three orders of magni-
tude in G’ represents the glass transition temperature. No
appreciable change in the onset or midpoint of the glass tran-
sition temperature is detected as a function of filler loading.
Fig. 3a and b also shows the loss tangent (tan 6 or loss modu-
lus divided by storage modulus) for the DGEBA/D230 and
DGEBA/D400 systems. No appreciable shift in loss tangent
maximum occurs with increasing filler loading. However,
there is a subtle broadening of the glass transition region at
the onset of the rubbery plateau region with increasing filler
loading shown in both the tan 6 and the storage modulus.
This broadening is more prominent in the lower crosslink den-
sity DGEBA/D400 system. Potential causes of this broadening
include particle—polymer interactions, particle—particle inter-
actions, and particle agglomeration [28]. However, as will be
discussed later, we hypothesize that particle—particle contact
and the resulting friction are the causes.

In order to quantify the broadening effect, the inverse cu-
mulative distribution function of the Lorentz distribution of
the following form (Eq. (3)) was utilized to fit the data:

1 T-T, 1
logG' =—pl arctan( ) +—p2 (3)
T Y
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where T, = temperature offset or glass transition temperature,
v describes the breadth of the transition, p1 is a scaling param-
eter, and p2 is an additional scaling parameter for temperature.

Fig. 4a and b shows fits of the modulus—temperature pro-
files over the glass transition region for the DGEBA/D230
system with 0 and 50 vol.% AAI18 loading, respectively. Ex-
cellent fits were observed using Eq. (3), validating the utility
for quantifying this broadening effect.

The resulting fitting parameters are shown in Table 2 for
DGEBA/D230 and DGEBA/D400 with AA18 alumina. The
curve broadening can be described by the v parameter which
increases with increasing vol.% of Al,Os. The T, broadening
is more pronounced in the DGEBA/D400 system. An increase
in p2 with increasing vol.% Al,Oj; also demonstrates the shift
in onset of the plateau region to higher temperatures while not
affecting the T, shown by the lack of change in the T, value.

Broadening of the glass transition temperature has been
observed for thin polymer films on silicon wafers [29] and
loosely crosslinked thin epoxy films have been shown to ex-
hibit glassy behavior at temperatures above the bulk polymer
T, [30,31]. In addition, a similar composite involving quartz
powder in epoxy resin [28], the maximum value in tan ¢ asso-
ciated with the a-relaxation, decreased with increasing filler
vol.% and shifted to higher temperatures indicating a T in-
crease. It was concluded that these results were due primarily
to particle—polymer interactions. These reports [29—31] illus-
trate that the nature of the interface can impact the properties
of the polymer in its vicinity.

The thermal properties of thin polymer films and polymers
in interfacial regions are known to be different than the bulk.
Both dewetting studies [32,33] and temperature dependent
thickness measurements [34] have shown that polystyrene
films can exhibit large scale mobility at temperatures well be-
low the bulk polymer T,. Subsequent research by a wide range
of groups has shown that the properties of thin organic films
can be different than the bulk and will depend strongly on
the polymer—substrate interactions [29,35—50]. With strong
polymer—substrate interactions, T, can increase and the CTE

- = 0% AA18
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1 4 20% AA18
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Fig. 3. Shear storage modulus and tan 6 as a function of temperature for (a) DGEBA/D230 composites and (b) DGEBA/D400 composites; arrows indicate direction

of increased filler loading.
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Fig. 4. Data fits for the DGEBA/D230 system with (a) 0% AA18 loading and (b) 50% AAI18 loading. The line is the fit and the squares are the modulus data.

can decrease [35—42]. With weak polymer—substrate interac-
tions, the 7, can decrease and the CTE can increase
[35,36,39,41,43,44]. For free standing films, the T, decreases
dramatically [45]. These effects might be present at the buried
epoxy—alumina interface in these composites. However, since
no T, increase was observed in these composites, it is likely
that the epoxy—alumina interaction is not strong. Since the
T, does not decrease, the alumina—filler interface is also not
behaving like a free surface, which is logical since resin
shrinkage likely forces intimate epoxy—alumina contact.

Depending on the length scale of the interphase region
a large change in the composite T, may not be exhibited, re-
gardless of the strength of the alumina—epoxy interaction.
For example, due to the large size of the particles used in
this study and their small surface area-to-volume ratio, a com-
posite T, change may not be observable with a small (i.e. sub
100 nm) interfacial region. In addition, various results have
been reported for different alumina composites. For example,
the glass transition has been observed to decrease in nano-
alumina—poly(methylmethacrylate) composites due to poor
polymer—filler adhesion [51], whereas epoxy composites
filled with similar size alumina nanoparticles actually ex-
hibited a slight T, increase [52].

As will be shown later, the epoxy—alumina interaction is
weak. Therefore we assert that the broadening is caused by
the particle—particle contacts and the resulting friction. When
slightly above T,, particle—particle contacts may contribute to
a readily observable increase in resin stiffness. When far above
T,, thermal expansion in the composite can reduce the friction
from particle—particle contacts, with the combination of these
two factors resulting in broadening of the modulus—tempera-
ture profile near but slightly above the T;,. The crosslink density
affects the breadth of the a-transition in the epoxy—Al,O3; com-
posites. The lower the epoxy crosslink density the greater the
broadening, perhaps because the rubbery modulus is lower
with the lower crosslink density resin leading to a more readily
observable effect from particle—particle contacts. No change in
broadening response with particle size was observed.

3.1.2. Alumina properties’ effect on storage modulus
Fig. 5 presents the shear storage modulus (G’) in the brittle
regime (40 °C below T,) and the rubbery regime (40 °C above

T,) for the epoxy composites as a function of alumina vol.%
loading, filler type, and resin crosslink density. Similar to
the observations in Fig. 3, the storage modulus increases
with increasing filler vol.%, which is consistent with other ep-
oxy systems where inorganic particles such as silica [53], glass
[54—57], talc [9], and mica [8] were used. With increasing
particle size (AAS, AA10, AA18, T60), there is no change
in either the rubbery or the glassy modulus at each filler load-
ing within experimental error. This was true for both crosslink
density formulations. Comparison of T60 with AA18, which
has similar average particle size but different size distribution
and shape, indicates that particle size distribution and particle
shape have no effect on the glassy or rubbery modulus of these
composites.

Subtle changes in the flexural, compressive, and tensile
moduli of glass filled epoxy composites have been observed
as a function of average particle size [58—61]. However, the
changes were hardly measurable over a range of particle sizes
from 2 to 50 pwm. For glass spheres in epoxy, Lewis and Nielson
observed a small dependence of the relative shear modulus on
particle size, but attributed it to a small resin-rich region on the
sample edges [62]. Heikens and Vollenberg [63] found that
when the interfacial adhesion between the particle surface
and the polymer matrix is very good with covalent bonds pres-
ent, the particle size altered the modulus. These studies
corroborate the observations from these alumina—epoxy
composites.

G’ for DGEBA/D230 in the rubbery region is higher than
that of DGEBA/D400, at each filler loading, indicative of
the higher crosslink density. However, in the brittle region,
the storage modulus of the D400 composite systems is slightly
greater than that of the D230 system. This trend is interesting
since previous work has shown that the crosslink density,
monomer functionality, and chain stiffness have little impact
on the glassy modulus or secondary relaxations of unfilled
crosslinked epoxy resins [64].

Since the trend of higher glassy modulus with the D400
cured system is consistent at each filler loading, the subtle dif-
ference is real. Additional work is warranted with a broader
range of epoxy crosslink densities, as well as chemical func-
tionality, to determine the physical and chemical factors that
are causing the differences in glassy modulus between the
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Table 2

Fitting parameters for DGEBA/D230 and DGEBA/D400 with AA18 alumina
D230 D400

AA18 AA18

Loading T, % pl p2 Loading T, Y pl p2
(%) (%)

0 87.83 351 —246 4942 O 4587 3.72 =277 487
10 87.31 3.53 —245 50.23 10 46.26 4.06 —2.87 49.52
20 87.34 3770 —2.48 51.08 20 4583 4.16 -2.7 51.24
30 86.70 4.11 —-2.40 5236 30 4581 45 2.6 52.69
40 86.94 440 —-235 53.59 40 4825 49 —2.44 5396
50 86.71 429 —-225 5492 50 4647 497 —2.34 55.66

D230 and the D400 systems. Other groups have attributed
changes in the glassy region to hydrogen bonding [65] of the
hydroxyl groups formed during the crosslinking reaction. Since
the strength of a hydrogen bond decreases with increasing
temperature, a lower crosslink density epoxy may form more
effective hydrogen bonds in the glassy state at the same temper-
ature relative to T,. However, this explanation does not fit well
with the observations in Fig. 5, because the glassy modulus for
the unfilled DGEBA/D400 system is only slightly higher than
that for the DGEBA/D230 system. Another potential explana-
tion for the higher glassy modulus in the D400 composites com-
pared to D230 is differences in particle—particle frictional

1.0x10"° T T T T T T T T T T
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7.5x10° { A D230 AA10 >
<l D230 AA18 %
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< [
- <« D400 AA18 5 5
& 25x109 | P D400 T60 g X
E 2
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T
o
= 6.0x10" - A
[ .
g Rubbery Regime 40 °C above Tg a
S 7
6 5.0x107 -
n
4.0x107 4 A
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2.0x107 ﬁ 2 E
1.0x107 1 { ﬁ
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Vol. % Al,0,

Fig. 5. (Top) the glassy modulus (T, — 40 °C) for DGEBA/D230 (open sym-
bols) and DGEBA/D400 (closed symbols) alumina composites as a function
of alumina vol.%; (bottom) the rubbery modulus (7, + 40 °C) for DGEBA/
D230 (open symbols) and DGEBA/D400 (closed symbols) alumina compos-
ites as a function of alumina vol.% and particle type. The error is £10%
and was determined by multiple sample measurements.

effects in the two systems. The cure profile for both materials
is the same, despite the differing ultimate T, between the
DGEBA/D400 and the DGEBA/D230 resins. Assuming resin
shrinkage is proportional to the difference between the cure
temperature and the final T,, the DGEBA/D400 composites
would exhibit more shrinkage during cooling from the cure
temperature to room temperature, due to the increased CTE
and decreased T, of the DGEBA/D400 resin. As the filler load-
ing increases, shrinkage can press the alumina particles against
each other, increasing particle—particle friction. If the shrink-
age is more prominent in the D400 composites, then the fric-
tional forces may contribute more to the glassy modulus in
that system compared to the D230 composites.

3.1.3. Reduced modulus as a function of alumina

Fig. 6a and b shows the reduced modulus (G’ composite/G pure
epoxy) for the DGEBA/D400 and DGEBA/D230 composites in
both the glassy (40 °C below T,) and the rubbery (40 °C above
T,) regions, respectively. The reduced modulus increase with
increasing filler loading is more pronounced in the rubbery
region, as has been observed with glass filled epoxy systems
[10]. However, only subtle differences were observed in the
reduced modulus between the D400 and D230 systems. The
reduced modulus in both the glassy and the rubbery regions
is independent of the average particle size, shape, and size
distribution for the particles utilized in this study. For nanopar-
ticle composites with high loadings, the reduced modulus
may differ compared to larger particles due to particle—parti-
cle contacts, as nanoparticles are not readily dispersed in
polymers.

Simple equations have historically been utilized to fit re-
duced modulus data. The Einstein equation was first proposed
to describe the viscosity of rigid spheres in a liquid solution
[66], and has since been a basis for describing a range of prop-
erties for two phase materials including modulus, thermal
conductivity, and dielectric constant [67]. Guth proposed a
quadratic expansion of the Einstein equation to describe various
reduced properties in carbon black filled rubbers including the
rubbery shear modulus [67]. More sophisticated equations,
such as the Mooney equation (Eq. (4)), have also been utilized
to describe the increase in relative viscosity of a suspension of
dispersed spheres in solution as a function of filler volume frac-
tion, and can be utilized to describe the increase in reduced
modulus with filler loading. The Mooney equation accounts
for the maximum packing fraction of particles in the matrix.
However, it is only valid when Poisson’s ratio is 0.5 (rubbery
region) and the filler shear modulus is more than an order of
magnitude higher than the polymer:

G,com osite ke¢f :|
—SOmpOSte — _— 4
G, P |:1 - (¢f/¢max) ( )

epoxy

dmax 1S the maximum filler packing fraction (approximately
0.63 for spherical particles) and ¢; is the actual particle
volume fraction in the composite.

The Kerner equation (Eq. (5)) is also utilized to fit reduced
modulus in both glassy and rubbery polymers and accounts for
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changes in both Poisson’s ratio in addition to the filler-to-poly-
mer modulus ratio:

Gl

composite

(G1/Glpoy) — 1
(G/ Gl ) +4
(5)

1+ AB¢;

G - 1 —B¢;

epoxy

T = Sepory
88— 10V¢poxy

where vepoxy is Poisson’s ratio for the pure epoxy resin and G'¢

is the filler shear modulus. Improvements can be made by
incorporating the effect of a maximum filler packing for
a modified Kerner equation (Eq. (6)):

vo=[1+ (5E=)al0 @

max

Glcomposite _ 1 +AB¢f

Glypy 1 —BYG;

epoxy

Fig. 6a and b also shows data fits for the Einstein, Guth,
Mooney, Kerner, and modified Kerner equations assuming
an alumina shear modulus of 110 GPa and 0.63 as the maxi-
mum particle packing fraction. All equations provide a reason-
able fit in both the glassy and the rubbery regions for filler
volume fractions of 0.15 or less. Both the modified Kerner
and the Guth expansions predict well in both the glassy and
the rubbery regions up to about 0.4 filler fraction, which is
consistent with observations with glass filled epoxy compos-
ites [62]. None of these equations provides great data fits
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especially at volume fractions greater than 0.4. However, these
alumina particles are not monodisperse. Despite the well-de-
fined nature of the Sumitomo alumina, they have a breadth
to the size distribution (see Table 1). A broad size distribution
will result in a larger maximum packing fraction than with
monodisperse spheres, as small particles can fit into spaces
around larger ones. Both the Mooney and the modified Kerner
equations, assuming a larger maximum packing fraction, can
provide better data fits up to 50 vol.% filler loading. A reason-
able packing fraction of 0.7 is suitable for the modified Kerner
equation. However, even larger assumed maximum packing
fractions are required for the Mooney equation. Interestingly,
both the Sumitomo particles and T60 show the same reduced
modulus values (within experimental scatter), despite the
widely different particle size distributions of the two.

3.14. Reduced modulus as a function of temperature

Fig. 7a and b plots the reduced modulus as a function of
temperature for the DGEBA/D230 and DGEBA/D400 with
AA18 alumina. In the glassy region the reduced modulus is in-
dependent of temperature for both resin systems, therefore the
stress induced by the CTE mismatch between the epoxy and
alumina is not large enough to move the resin into the non-lin-
ear region of the stress—strain diagram, as has been observed
for silica filled epoxy resins [62]. Fig. 7 illustrates strong
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Fig. 7. The dependence of reduced modulus (G’ composite/G’resin) With various AA18 volume loading percent in (a) DGEBA/D230 and (b) DGEBA/D400.
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temperature dependence for the reduced modulus in the rub-
bery region with both the DGEBA/D230 and the DGEBA/
D400 composites. The temperature dependence is more dra-
matic for the D400 composites, especially near the T,. While
this temperature dependence might be explained by a strong
epoxy—alumina interface and the resulting broadening of re-
laxation times, the lack of a T, shift in these composites sug-
gests otherwise. Friction due to alumina—epoxy slippage at
the interface is also not a likely explanation, since cure shrink-
age with these composites promotes intimate polymer—filler
contact. Our hypothesis again is that particle—particle friction
is the cause of this broadening. While no agglomeration of
alumina was observed in these composites, particle—particle
contacts can still contribute to the composite stiffness and
will be more prevalent at high filler loadings. In addition,
the contribution of particle—particle frictional forces to the
modulus would be more pronounced as the polymer modulus
becomes less dominant (lower crosslink densities and in the
rubbery region). Our hypothesis for particle—particle friction
is supported by the observation that the maximum in reduced
modulus as a function of temperature (just above T,) starts to
increase dramatically at filler volume fractions above 30%,
which is typically associated with percolation phenomena in
spherical particulates. However, more experiments are needed
to verify this hypothesis including a broader range of epoxy
crosslink density and filler size. In addition, an interesting
approach would be to examine the impact of the particle—par-
ticle surface interactions and aspect ratio on the reduced
modulus effect shown in Fig. 7. In higher aspect ratio fillers,
percolation can be reached at much lower filler volume fractions
than that for non-interacting spheres (~30 vol.%). Therefore,
particle—particle contact and the resulting friction would be-
come influential at lower filler loadings. This phenomenon
might also be more prevalent with sub-micron to nanometer
scale particles, where strong particle—particle interactions can
lead to agglomeration and connectivity at smaller volume frac-
tions. For the alumina utilized in this paper, thermogravimetric
analysis (TGA) showed little mass loss even up to 900 °C, indi-
cating that the particle surface is dry, and contained few surface
hydroxyl groups. This was particularly prevalent with the Sumi-
tomo particles, which exhibited no measurable mass loss in the
TGA. Considering the lack of surface hydroxyl groups (which
can generate a strong particle—particle surface interaction)
combined with the large particle sizes, it is unlikely that the alu-
mina filler utilized here is exhibiting connectivity at low filler
volume fractions. In addition, the scanning electron microscopic
images in Fig. 10 show directly that the alumina particles do not
aggregate. With nanoscale particles or particles that have stron-
ger attractive surface chemistries (i.e. carbon black or silica) this
aggregation/connectivity could be an important phenomenon
that impacts the composite modulus at smaller volume fractions.

3.2. Coefficient of thermal expansion (CTE)
The coefficient of thermal expansion (CTE) is a critical vari-

able for epoxy composites in electronic packaging. The CTE
for the brittle and rubbery regions is shown in Fig. 8a and b

for the DGEBA/D230 and DGEBA/D400 composites, respec-
tively, as a function of filler loading and filler type. The lines
represent the CTE values that would be obtained with a rule
of mixtures (ROM) prediction. The decrease in the rubbery or
glassy CTE was independent of the average particle size, size
distribution, and shape for both crosslink density systems. In
the rubbery region, the CTE decrease follows the ROM closely.
This is also consistent with a weak epoxy—alumina interfacial
region as the thin film polymers’ research typically shows a
decrease in a rubbery CTE with strong polymer—substrate
interactions. In the brittle regime, the CTE decrease deviates
slightly from ROM. This deviation from rule of mixtures has
been observed in filled systems and can be predicted with
various types of empirical fitting [10].

3.3. Fracture toughness of alumina—epoxy composites

3.3.1. Particle size and distribution effects on the toughness
of epoxy—ALO;3

Fig. 9a and b shows the fracture toughness for the DGEBA/
D230 and DGEBA/D400 composites, respectively, as a function
of filler size, filler shape, and filler loading. For both systems the
fracture toughness of the composites increases with increasing
filler loading. No trend with fracture toughness on particle size
was observed in either resin systems. In addition, no impact of
filler shape was observed as both Sumitomo (AA2, AAS, AA10
and AA18 nominally spherical) and Alcoa (T60 odd shaped)
showed similar fracture toughness values at each filler loading.
Similar results have been observed in silica filled epoxy resins.
For example, no differences in fracture toughness were ob-
served for small (~3 um) and large (~25 pm) glass beads in
crosslinked epoxy resins [68]. In addition, silica filled epoxies
showed no substantial changes in fracture toughness over a par-
ticle size range of 60—300 pum at 40 vol.% loading [69]. The
dependence of fracture toughness on average particle size has
been explored for both angular [70] and spherical [71] silica
particles in epoxy resin at filler loadings near 35 vol.% (55
and 64 wt%). A small decrease (approximately 20—40%) in
fracture toughness was observed with decreasing particle size
over a range from 2 to 50 um. However, no particle shape effect
was observed as both spherical and angular particles showed
similar toughness values. More extreme variations in filler
aspect ratio have been shown to impact fracture toughness in
epoxy resins as short glass fibers (aspect ratio of 15) show sub-
stantially higher fracture toughness than glass beads (aspect
ratio of 1) [69]. The toughness difference between non-spheri-
cal silica particles and glass beads was less significant [69].

Some researchers have observed a maximum in fracture
toughness at an optimal particle loading [57,72]. This has
been attributed [23] to the effect of inter-particle spacing. As
the inter-particle spacing becomes smaller, it is more likely
that micro-cracks will be generated that will act as stress con-
centrators ahead of the crack tip. For these alumina composites
no maximum in fracture toughness with filler loading was
observed. The changes in the particle size distribution did
not have an effect on the fracture toughness, as there were
no changes in Kj. values of the T60 system compared to the
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Fig. 8. The coefficient of thermal expansion as a function of the vol.% of Al,O3

represent the theoretical rule of mixtures).

AA system, thus concluding that the particle packing in these
samples did not alter the composite toughness.

3.3.2. Effect of increase of diamine spacer length
on composite toughness

One interesting effect in Fig. 9 is the impact of the epoxy
crosslink density on the composite fracture toughness. Consid-
ering all the filler sizes and types collectively, the DGEBA/D400
composites showed higher fracture toughness values compared
to the DGEBA/D230 composites. While this difference was sub-
tle (~ 10 to 30% change as filler loading increases) and the data
spread is fairly large, it occurred at each filler loading, despite
the fact that the fracture toughness for each system was mea-
sured at the same temperature relative to the composite T,
(T —40°C). The mechanism responsible for fracture in
unfilled epoxy resins is plastic deformation at the crack tip
[73,74]. An increase in unfilled matrix toughness might be ex-
pected as the epoxy crosslink density decreases [73]. However,
no fracture toughness difference was observed between the un-
filled DGEBA/D400 and DGEBA/D230. While the exact cause
of the higher fracture toughness in the D400 composites is
unclear, a potential mechanism is that enhanced cure shrinkage
in the D400 system (due to the lower T, and higher rubbery CTE)
leads to more effective crack pinning during fracture in compos-
ites with a weak polymer—filler interaction. More research is
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required utilizing various resin cure cycles to verify this
hypothesis.

Fracture mechanisms in inorganic particle filled polymer
composites have traditionally been described by the crack-
front bowing theory [1,75,76,77]. Originally proposed by
Lange [76], energy dissipation is increased by the rigid inor-
ganic particles because the crack front needs to bow or
move around the particle, yet as the crack encounters a particle
it remains pinned to it. Energy is required to generate the in-
creased crack length, thus, changing the particle size, shape,
and volume loading can alter the energy required to propagate
the crack front [78—80]. Typically with crack bowing, a step
defect is observed in the fracture surfaces due to the fact
that the crack front moving around each side of the particle
does not meet perfectly once past the inclusion. Fig. 10a
clearly shows these step defects in a 10 vol.% AA18 loaded
DGEBA/D230 composite, as the bright tails behind the parti-
cles at the small filler loadings. Tails [23,57,76] or ridges in the
epoxy are observed in the fracture surface below an Al,O5 par-
ticle in the crack front (Fig. 10a). This is a direct conformation
that crack-front bowing is occurring. If the alumina—epoxy in-
terface is poor, the Al,O3 will still divert the crack and toughen
the material, but a weak interface without covalent bonds might
limit the achievable toughening. This is corroborated with
Green et al. [80,81] who found that with low interfacial adhe-
sion the particles cannot pin the crack front and offer little
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Fig. 9. Fracture toughness as a function of filler loading and filler type for (a) DGEBA/D230 composites and (b) DGEBA/D400 composites.



1008 LM. McGrath et al. | Polymer 49 (2008) 999—1014

Fig. 10. SEM images of fracture surfaces in the processing zone for (a) 10% AA18 and (b) 50% AA18 loading both in DGEBA/D230. Top images are at a

magnification of 150x. Bottom images are at 500x.

resistance. Both Fig. 10a and b shows that the fracture occurs at
interface between the alumina and the epoxy, indicating weak
adhesion. Fig. 10b shows the fracture surface for a 50 vol.%
loaded alumina composite. Even at 50 vol.% loading, the
alumina particles are well dispersed.

A broader range of particle sizes, particle—particle interac-
tions, and particle—particle contact might reveal an interesting
impact on the fracture toughness, and is a focus of ongoing
investigations. Assuming the validity of the crack pinning
model, we speculate that sub-micron size particles should ex-
hibit enhanced fracture toughness when compared to larger
particles at the same volume fraction loading, because more
sub-micron particles will be present in the composite, present-
ing more sites for crack pinning. However, one challenge with
sub-micron particulates is dispersion in the resin. Particle—
particle interactions can lead to agglomeration and connectiv-
ity of the nano or sub-micron particles at lower filler volume
fractions. The SEM images show that the alumina particulates
in these composites are well dispersed with no observable
agglomeration. With smaller size fillers or fillers with strong
surface chemistry leading to substantial particle—particle con-
nectivity, we speculate that micro-cracking phenomena could
be more prevalent, especially if the resin poorly wets the par-
ticle at the particle—particle contacts. Perhaps this contributes
to why some researchers have observed a maximum in fracture
toughness at intermediate filler loadings with glass fillers, with
a subtle decrease in fracture toughness at high filler loadings.
Glass—silica particles typically have a high surface hydroxyl

content, which could lead to enhanced particle—particle con-
nectivity in these composites, making them more susceptible
to micro-cracking phenomena.

Fig. 9 shows a subtle increase in fracture toughness with
decreasing crosslink density. This fracture toughness increase
was demonstrated over all filler loadings from 0 to 50 vol.%.
Yee and Lee [73] also showed that the crosslink density of
the polymer matrix had an impact on the fracture toughness
of the composite. They attributed this to the toughness changes
intrinsic in the unfilled polymer matrix with decreasing cross-
link density. As the crosslink density decreased the unfilled
matrix toughness increased and the resulting composite
toughness increased. While this is expected, the interesting
observation was that the filler incorporation was more effec-
tive in improving toughness as the crosslink density decreased
[73]. While they only tested a single filler volume loading of
10%, this result is in contrast to traditional thought in the field
that the toughening effect of filler incorporation in the poly-
mer decreases as the intrinsic matrix toughness increases
(i.e. the filler is not as effective in improving toughness in
matrices that are already tough). The data in Fig. 9 show
that the unfilled DGEBA/D230 and DGEBA/D400 polymers
exhibit similar fracture toughness values. Therefore, a change
in the intrinsic matrix toughness does not explain the cross-
link density effect observed in Fig. 9. A pertinent question
is whether the impact of the unfilled matrix toughness on
composite toughness is generalizable with different crosslink-
ing systems.
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Fig. 11. Fracture toughness of particulate-filled composites as a function of the toughness of the unfilled matrix, for various filler volume fractions (a) 10%, (b)
20%, (c) 30%, and (d) 40%. Data take from Refs. [23,57,68—71,73,74,82,83]. The lines in the figures and the inset represent the best fits to the data.

Fig. 11 shows the summary of fracture toughness data as
a function of the unfilled matrix toughness for a variety of
different crosslinked epoxy systems that have been published
in the open literature, including the alumina loaded compos-
ites for this report. The composites were composed of various
epoxy resins and fillers. The fillers utilized in Fig. 11 include
both silica and alumina. In addition, data for both spherical
fillers and odd-shaped ‘“‘angular” fillers are included as well
as fillers with different sizes ranging from a few microns to
several hundred microns. Also, the data in Fig. 11 are a combi-
nation of single-edge notch testing and dual torsion bar testing.
However, these different testing methods have generally been
shown to give similar results. The data for the unfilled matrix
toughness equal to 1.5 MPam'? are the alumina—epoxy frac-
ture toughness data from this report. A couple of interesting
points are noted in Fig. 11. First, for the alumina composites
in this paper, the fracture toughness of the DGEBA/D400
system is higher than the DGEBA/D230 system at each filler

loading just as stated in Fig. 9. Second, a general trend was
observed with each filler loading: as the intrinsic toughness
of the unfilled matrix increases, the composite toughness in-
creases. This makes physical sense, since the crack is propa-
gating through the matrix material. Therefore, improvements
in energy dissipation and crack resistance in the unfilled
matrix will translate into improvement in the composite frac-
ture toughness. The insets, for each filler loading, show the
normalized composite fracture toughness (Y-axis, composite
toughness/unfilled matrix toughness) as a function of the
unfilled matrix toughness (X-axis). While the trend is subtle,
the insets clearly support conventional wisdom: as the unfilled
matrix toughness increases, the improvements in toughness
upon filler incorporation decrease. This indicates that the con-
clusions of Yee and Lee [73] are not general within epoxy-
based resin systems. Additional experimentation is warranted
to investigate the impact of resin crosslink density and matrix
toughness.



1010 LM. McGrath et al. | Polymer 49 (2008) 999—1014

3
a 0% AA18
— —— 50% AA18
S 251 - - -An18
8
>
2 ] DGEBA/D230 0% AA18
S AA18
]
£, /
=
.9 ’:'\\
= /
c 11
5
=
[3]
% 0.5 1
DGEBA/D230 50% AA18
0

Incident X-ray Energy (eV)

520 530 540 550 560 570

b @ 0% AATS

— - 0% AA18 #2

*

- Cls—n'e-, - - 10% AAT8
3 25 — - 20% AA18
S — - 20% AA18 #2
> 30% AA18
.‘5 2 —— 40% AA18
c 40% AA18 #2
9 — 50% AA18
c - 50% AA18 #2
=~ 15
3
2
=
e 1
o
S
=
o
2 05
w

280 285 290 295 300 305 310 315
Incident X-ray Energy (eV)

Fig. 12. NEXAFS spectra of the fracture surfaces for the DGEBA/D230 composites with various loadings of AA18 over (a) the oxygen K-edge and (b) the carbon

K-edge. Similar results were observed for the DGEBA/D400 composites.

SEM micrographs of the composite fracture surface shown
in Fig. 10 clearly illustrate that there is no agglomeration of
the Al,O;. In addition, the Al,O; particles are raised and
debonded from the epoxy, without noticeable epoxy residue
on the filler surface, suggesting that the fracture occurs at
the epoxy—alumina interface. This weak adhesion can explain
in part the lack of dependence of the composite properties on
the particle shape, size, and size distribution. In general, the
composite fracture behavior is substantially influenced by
the particle—matrix adhesion [57,69]. However, typically, the
particle surface treatment has a minor impact on the fracture
toughness K, and a large impact on the fracture strength and
the appearance of the fracture surface [57,69]. Additional
insight regarding the physical and chemical nature of the inter-
facial region would be valuable for understanding why failure
occurs at the alumina—epoxy interface and what impact this
might have on the composite toughness.

To investigate the epoxy—alumina interfacial chemistry,
a synchrotron based surface science technique, NEXAFS,
was utilized. In order to interpret the NEXAFS data shown in
Fig. 12a and b it is important to understand how the data is plot-
ted. An NEXAFS spectrum has three regions, including a pre-
edge, a near-edge, and a post-edge region. The pre-edge region
occurs before the absorption transition when the incident
X-rays are adsorbed weakly by the sample (approximately 280,
and 520 eV, respectively, for the carbon 1s and oxygen 1s tran-
sitions). The pre-edge region represents a background intensity
that is subtracted from the spectra so that the pre-edge jump in-
tensity is zero in these figures. In the near-edge region (approxi-
mately 285—310 and 530—570 eV, respectively, for carbon 1s
and oxygen s transitions), the electron yield intensity increases
as the incident X-ray energy is absorbed strongly by the sample.
The near-edge region contains peaks that represent transitions
associated with the specific types of chemical bonds present
in the system. After the pre-edge background is subtracted,
the intensity in the post-edge region (approximately 310 eV or
greater, and 570 eV or greater, respectively, for the carbon 1s
and oxygen s transitions) represents the total amount of carbon
or oxygen in the sampling volume. In many cases the post-edge

jump intensity can provide valuable information about the rela-
tive fractions of carbon or oxygen in a sample. However, many
variables can impact the post-edge jump intensity including
sample orientation, surface roughness, and the incident X-ray
footprint on the sample, which is in part related to the angle
of the incident energy relative to the surface. The NEXAFS
spectra in Fig. 12 were measured at the magic angle to remove
orientation dependency. If the fracture surfaces were perfectly
planar and all had the same surface roughness, then quantitative
analysis of the edge jump intensity would be prudent. However,
the fracture does not occur in the exact same path for each sam-
ple during SENB testing. In addition, each sample was mounted
in the NEXAFS instrument at a slightly variable angle. There-
fore, the incident X-ray footprint is different for each sample. In
addition, the fracture surfaces have different roughness, which
depends on the filler loading. Due to these complications, the
edge jump intensity is not quantitative for these specimens.
Therefore, we normalized each spectrum with the intensity at
either 315 or 570 eV, respectively, for the carbon 1s and oxygen
1s transitions, leaving a normalized edge jump intensity of 1.
This removes the impact of the total amount of atoms sampled,
which can vary due to the factors described above. Therefore
changes in the peak intensities in the near-edge region represent
changes in the sample chemistry if the spectra are both pre- and
post-edge jump normalized. The spectra in Fig. 12a and b were
both pre- and post-edge jump normalized.

The first step is to verify that the fracture propagates at the
epoxy—alumina interface in support of the SEM images.
Fig. 12a shows the oxygen 1s NEXAFS data for the unfilled
DGEBA/D230 epoxy resin, the pure alumina, and a DGEBA/
D230 composite with 50 vol.% alumina loading. A key point
is that the oxygen signal from the unfilled epoxy and the
alumina is different. A second point is that the composite
with 50 vol.% alumina exhibits a clear contribution from the
alumina oxygen spectrum. Since the probing depth of the oxy-
gen signal is approximately 6 nm, the observation of an oxygen
signal from the alumina in the composite verifies that the frac-
ture occurs very near the alumina interface, as even a few mono-
layers of adsorbed epoxy on the alumina would attenuate the
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alumina oxygen signal. In addition, a faint alumina oxygen
contribution was even observed in the composites with 10%
alumina loading.

Since both the SEM images and the NEXAFS data indicate
that the fracture occurs within a few monolayers of the alu-
mina interface, the carbon 1s NEXAFS spectra can be utilized
to characterize the interfacial resin chemistry. The carbon 1s
signal includes contributions from both the interfacial region
(fracture surface near filler particles) and the bulk resin (frac-
ture surface in regions where no filler was present). While the
carbon 1s signal is not exclusively interfacial, the contribution
from the interfacial region will increase with increasing filler
loading, since the fracture occurs near the alumina substrate.
Therefore, a difference between the interfacial resin composi-
tion and the bulk composition would result in a gradual change
in the carbon 1s NEXAFS spectra with increased filler load-
ing. Fig. 12b shows carbon Is data of the fracture surfaces
for DGEBA/D230 composites with filler loadings ranging
from 0 to 50 vol.%. The carbon 1s spectra are independent
of the filler loading. This indicates that the chemical composi-
tion at the alumina—epoxy interface is identical to the bulk
resin composition. One potential issue with filled composites
is preferential segregation of one of the resin monomers to the
filler surface. This can lead to off-stoichiometric cures in that
interfacial region. An off-stoichiometric cure in crosslinked
polymers results in a polymer with a lower crosslink density
and leads to a lower resin glass transition temperature and shear
storage modulus. In addition, many other properties like the
coefficients of thermal expansion and fracture resistance can
be impacted by the resin stoichiometry. For these epoxy—alu-
mina composites the carbon NEXAFS shows that preferential
segregation of either the amine or the epoxy monomers to the
alumina interface does not occur.

The epoxy monomer, DGEBA, exhibits a strong Cls —
T*c—c transition in the carbon NEXAFS spectra near 285 eV
(the arrow in Fig. 12b), due to the aromatic rings. The D230
amine hardener contains no such transition. Therefore, since
the interfacial chemistry is being probed, preferential segrega-
tion of either the amine or the DGEBA monomer to the alumina
surface would lead to a gradual decrease or increase, respec-
tively, in this Cls — m*c_c signal from the fracture surface
as the filler loading increases. Fig. 12b clearly shows a constant
Cls — m*c—_c peak area, illustrating that no preferential segre-
gation occurs. The difference between the lowest and highest
values of the Cls — m*c—c signal in Fig. 12b is 7%, with
most spectra having an intensity near 1.9. No gradual trend
was observed with filler loading and the data were scattered
around this value. The carbon 1s spectra in Fig. 12b were
both pre- and post-edge jump normalized. In identically planar
surfaces, with the same surface roughness, it would be expected
that the carbon edge jump intensity would decrease with in-
creasing filler loading, if the fracture occurs at the epoxy—alu-
mina interface. For these samples, however, the edge jump
intensity was scattered with no trend as a function of filler
loading. As was mentioned above this is from the varying and
random X-ray footprint on the sample, due to the uneven
fracture surfaces and difficulties in perfect sample mounting,

coupled with differences in surface roughness with increasing
filler loading. In addition, we cut the samples near the fracture
surface to mount in the NEXAFS sample holder. Imperfect cut-
ting contributed to the random X-ray footprint. Therefore, only
the post-edge jump normalized spectra are quantitative. The
strong oxygen signal from the alumina illustrates that the frac-
ture occurs within a few nanometers of the epoxy—alumina in-
terface. Since the fracture occurs at or within a few nanometers
of the interface, the carbon signal can be utilized to investigate
this interfacial chemistry. The independence of the pre- and
post-edge jump normalized carbon 1s NEXAFS spectra with
filler loading shows that the epoxy interfacial composition is
the same as the bulk resin composition.

The combination of the oxygen and carbon NEXAFS experi-
ments on the fracture surfaces for these composites illustrates
two things. First, the fracture propagates within a few mono-
layers of the alumina—epoxy interface. Second, the interfacial
resin composition is the same as the bulk composition. This is
important for interpreting the fracture data in these composites.
Since the interfacial composition is the same as the bulk, it is
likely that the thermal, mechanical, and fracture properties of
the interfacial region in these composite are similar to the
bulk epoxy. While solid interfaces can certainly perturb the
polymeric properties in the vicinity of the interface, with cross-
linked systems, the first order effect that dominates the resin
properties is the crosslink density. Since the interfacial stoichi-
ometry is the same as the bulk stoichiometry, the interfacial and
bulk resin crosslink density are also the same. Making these as-
sumptions, the easiest path for a crack to propagate would be
a path containing few or no covalent bonds present. Therefore,
a reasonable conclusion is that the epoxy—alumina interface
has less fracture resistance than the bulk resin due to either
a lack of covalent bonding between the resin and the filler or
a substantially smaller number of covalent bonds. Therefore,
we hypothesize that a surface treatment for these alumina
composites that leads to covalent epoxy—alumina bonding
will improve the mechanical and fracture performances. More
research is required with a broader range of filler surface treat-
ments, particle sizes, particle—particle interactions, and resin
crosslink densities to fully understand the impact of particle—
matrix bonding on the composite properties.

In these experiments it was demonstrated that the epoxy—
alumina composites are a robust system, and fairly large
changes in particle shape, size, size distribution, filler loading,
and resin crosslink density can be tolerated without a substantial
change in thermal, mechanical, and fracture properties. Com-
posite characterization coupled with SEM and NEXAFS anal-
yses of the fracture surfaces indicated a weak epoxy—alumina
interface, which we propose causes the insensitivity of the
composite properties to change in the alumina properties. The
particle size range explored with this study was an order of
magnitude from approximately 2 to 20 um. The particle shape
ranged from nominally spherical to angular particulates. The
reason that this size and shape range were chosen is because
of the broad utility of these size and shape particles in practical
applications such as high voltage stand-off, device encapsula-
tion, flip-chip underfill technology, and dental restoratives.
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Therefore these results are broadly applicable to a variety of ac-
ademic and commercial sectors that would be concerned about
material specifications, and variations in incoming material
properties.

It is also pertinent to discuss the potential generality of these
results to a broader range of particle sizes. We have labeled the
epoxy—alumina interaction as weak. First, it is important to dis-
cuss our definition of a weak interface. We define a weak inter-
face as one with little or no covalent bonding between the
particle and the resin. However, there is a lower limit to this
definition. The epoxy—alumina interface is not extremely
weak. For example, no evidence of substantial interfacial slip-
page is observed. The epoxy at the alumina interface is not be-
having as a free surface. Intimate contact exists between the
epoxy and the alumina due to resin shrinkage during cure and
cooling. There are also likely weak favorable attractive forces
between the epoxy and the alumina such as van der Waals at-
tractions, and potentially a small amount of hydrogen bonding
between the alumina surface hydroxyls and the cured epoxy.
The extent of particle—polymer hydrogen bonding is definitely
small due to the dry nature of the alumina surface, as thermog-
ravimetric analysis illustrated imperceptible mass loss with the
Sumitomo particles and small mass loss with Alcoa T60. These
weak attractive forces, combined with intimate particle—poly-
mer contact do enable stress transfer, which explains the consis-
tent increase in modulus with filler loading and the rule of
mixtures’ CTE behavior. However, the interaction is not strong
enough to facilitate a resin composition change near the filler
surface, to generate a T, change in the composite, or to promote
cohesive failure in the resin during crack propagation.

Given this definition of the strength of the alumina—epoxy
interfacial interactions, it is now possible to speculate about
the generality of these results for an expanded range of particle
sizes. The insensitivity of the composite properties to filler size
likely extends to larger particle sizes of approximately 100 to
several hundred microns. Since the alumina—epoxy interaction
is not extremely weak (as defined above) stress would still be
transferred across the interface leading to an improvement in
composite stiffness with particles in this size range. In addition,
crack pinning phenomena would likely still be an important
mechanism for the resistance to crack propagation with fillers
of this length scale. For extremely large filler particles (in the
order of millimeters or larger), the general results of this paper
may not hold true. With a weak, non-covalently bound interface
coupled with large particle sizes, the fracture behavior could be
dominated by catastrophic interfacial failure, with little or no
deformation in the polymer matrix. This has been observed in
high explosives with high loadings of large particulates [84].
The result would be a more brittle composite material with
a lower fracture resistance.

The insensitivity of the composite properties to particle size
also likely extends well into the sub-micron regime (100 nm to
1 um), due to the weak epoxy—alumina interface. For cross-
linked polymers a critical length scale is the molecular weight
between crosslinks (M.), which is approximately 20—30 A for
the DGEBA/D230 and DGEBA/D400 resins. While weakly
favorable interactions likely occur between the epoxy and

the alumina particles, these are unlikely to perturb the polymer
structure by more than a few M., particularly with the absence
of preferential monomer segregation in these composites.
Therefore a reasonable estimate for the thickness of the inter-
facial polymer (where the interfacial thermal and mechanical
properties of the interface might change simply due to the in-
teraction of the resin with the filler surface even in the absence
of preferential monomer segregation) is 50 A for these com-
posites. For 2 um diameter particles with a 5 nm interfacial
region of polymer, the fraction of polymer that is interfacial
is approximately 1.5% at 50 vol.% filler loading. At the
same loading, with 200 nm particles the fraction of interfacial
polymer is 15% given the same assumptions. Therefore, if the
alumina substrate does induce an interfacial region in the
crosslinked polymer then changes in composite thermal and
mechanical properties might only be expected at high filler
loadings as the particle size approaches 100 nm and below.
Due to the enhanced surface area with particles approaching
100 nm, improved composite stiffness might start to be
observed with these size particles, even with weak favorable
epoxy—alumina interactions.

The impact of sub-micron particle loading on fracture
toughness is not clear. Assuming the validity of the crack pin-
ning model with regards to the fracture behavior of polymer
composites, it might be expected that the fracture toughness
would increase with the increasing number of particles at a par-
ticular filler volume fraction loading. This would be true with
a strong interfacial bond that enables full matrix deformation
upon crack pinning. However, with a weak interface like these
epoxy—alumina composites in this study, we speculate that the
enhanced surface area, having less fracture resistance than the
bulk matrix, would counter balance the positive benefit of in-
creasing particle numbers. One major challenge with particles
in the sub-micron to nanometer size regime is particulate
dispersion in the matrix. For the alumina—epoxy composites
in this study, 5 um particles are easily dispersed at 50 vol.%
loading with a processable viscosity. Particles with 2 pum
size are less easily dispersed at 50 vol.% loading. However,
500 nm particles at 30 vol.% loading in the epoxy gave an
unprocessable paste with our mixing procedure. Particulate ag-
glomeration and poor particle—resin wetting with sub-micron
and nanoparticulates would likely degrade mechanical and
fracture performances.

Certainly nanoparticulate-filled composites offer the poten-
tial for enhanced composite properties at low filler volume
fractions, leading to lighter weight materials. However, the
impact of nanoparticles on the composite properties is even
less well understood, making predictions from the research
on these alumina—epoxy composites difficult. A primary ad-
vantage of nanoparticles is the high surface area-to-volume ra-
tio for the nanoparticle compared to the micron-sized version
[85,86]. For linear polymers, as the particle size approaches
the radius of gyration, R,, dramatic changes in the polymeric
properties such as stiffness, CTE, T, flow properties, etc.
might be expected. Recent computational work has shown
that as the filler size approaches R, even weak polymer—filler
adsorption interactions in the order of kT can explain some of
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the interesting rheological observations with nanofiller loaded
composites, such as the high shear viscosity, enhanced shear
thinning behavior, and solid-like behavior at low frequency
[91]. A typical thermoplastic has an R, near 4—10 nm. There-
fore particle sizes approaching the dimensions of several tens
of nanometers might induce these changes. For a crosslinked
polymer like the epoxy resins in this study the critical length
scale is the molecular weight between crosslinks (M.), which
is approximately 20—30 A for these resins and even smaller
than the R, of a typical thermoplastic. Therefore the particle
size required to induce dramatic changes in resin properties
might be even smaller for a crosslinked system, with a small
M.. As with sub-micron particulates, dispersion of the nano-
particles in the matrix is difficult.

With nanocomposites in glassy polymers, particle agglo-
meration could degrade the potential benefits of the enhanced
surface area. For example in nanoclay loaded epoxy resins,
complete exfoliation of the nanoplatelets led to the highest
storage modulus, but incomplete exfoliation led to lower mod-
ulus values [87]. With alumina and magnetite nanoparticles in
polystyrene and polymethylmethacrylate composites, a subtle
decrease in the materials’ stiffness was observed and was at-
tributed to a weak polymer—filler interaction and a less dense
interfacial region, as opposed to particulate agglomeration
[88]. With silica nanofillers in polyamide-6, the shear modulus
enhancements in the glassy region were similar to those with
micron filler loadings and could be predicted with Kerner’s
equation [89]. With regards to the fracture behavior of nano-
composites, even if the nanoparticles are intimately dispersed
without agglomeration, an interesting and pertinent question is
whether a nanoparticle can deflect or deform an advancing
crack tip, which might typically have a radius in the order
of a micron. Extremely small nanoparticles might not effec-
tively “‘pin” a crack, regardless of the strength of the parti-
cle—polymer interaction. Therefore, the potential benefits of
the nanoparticle loading on fracture might be solely due to
the enhanced amount of interfacial region where the polymer
properties are modified in the presence of the nanoparticle
surface. In addition, the specific mechanisms of failure in
polymer nanocomposites are not well understood. For exam-
ple, simulations have shown that nanofillers improve the com-
posite toughness by the energy dissipation associated with the
mobility of the nanoparticle [90]. Clearly more research is
required to investigate nanoparticle loaded composite.

4. Summary

Alumina filled epoxy composites were studied as a model
system. The variables tested included the particle shape,
size, size distribution, filler loading, and resin crosslink
density. The primary observations of this paper are:

(a) the epoxy—alumina composites are a robust materials
system and fairly large changes in particle shape, size,
and size distribution can be tolerated without causing
a substantial change in the thermal and mechanical

properties or fracture toughness of the system. This is
likely due to a weak epoxy—alumina interaction.

(b) Filler loading and resin crosslink density were the critical
variables that caused changes in the cured composite
properties. However, large changes in the filler loading
or crosslink density are required to impart a substantial
change in properties, further illustrating the robust nature
of these composites.

(c) The epoxy—alumina interface is weak with little or no co-
valent bonding present. The composite T, did not change
with filler loading, and the rubbery CTE did not deviate
from rule of mixtures’ behavior. These both indicated
a weak polymer—substrate interaction. In addition, SEM
coupled with NEXAFS characterization of the fracture
surfaces showed that crack propagation occurs at the ep-
oxy—alumina interface, with little or no residual polymer
adsorbed to the alumina particles. NEXAFS also showed
that the interfacial epoxy composition is the same as the
bulk polymer. Therefore, variations in the interfacial resin
properties, due to preferential monomer segregation to the
alumina surface, plays no role in these composites.

(d) The epoxy crosslink density had some interesting subtle
effects on the mechanical properties of the alumina filled
composites. In particular, the shear storage modulus—tem-
perature profile exhibited a subtle broadening in the glass
transition region and at temperatures slightly above the T,
with increased filler loading. The broadening was more
pronounced in the lower crosslink density resin. Due to
the weak epoxy—alumina interface, we conclude that
this effect is likely due to particle—particle contacts that
increase with increasing filler loading.

(e) The resin crosslink density can impact the fracture tough-
ness in the composite even if a change in the unfilled resin
toughness is not observed. In particular, the DGEBA/D400
composites exhibited higher fracture toughness than the
DGEBA/D230 composites despite the similar fracture
toughness of the unfilled resin and despite the measure-
ment being made at the same temperature relative to the
composite T.

(f) Traditional wisdom is supported. When this data are com-
pared with existing literature, it is clear that the incorporation
of filler into an epoxy matrix is more effective at improving
the relative fracture toughness in composites with resins that
exhibit a lower initial unfilled matrix toughness.
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